Macromolecules

ARTICLE

Macromolecules 2010, 43, 8191-8201 8191
DOI: 10.1021/mal018632

Stability and Surface Topography Evolution in Nanoimprinted Polymer
Patterns under a Thermal Gradient

Yifu Ding,*" H. Jerry Qi,” Kyle J. Alvine,* Hyun Wook Ro,} Dae Up Ahn,"
Sheng Lin-Gibson,® Jack F. Douglas,§ and Christopher L. Soles**8

‘Deparlment of Mechanical Engineering, University of Colorado at Boulder, Boulder, Colorado 80309-0427,
Energy and Environment Directorate, Pacific Northwest National Labo:atory Richland, Washington 99352,
and *Polymers Division, National Institute of Standards and Technology Gaithersburg, Maryland 20899-8541

Received August 16, 2010

ABSTRACT: Nanostructures created in polymer films by nanoimprint lithography are subject to large
stresses, both those from the imprinting processes as well as stresses arising from the intrinsic thermodynamic
instabilities. These stresses can induce nanostructure deformations that compromise the intended function of
the imprinted pattern. Controlling these stresses, and thus the stability of the imprinted patterns, is a key
scientific issue for this technology. The requirement of film stability against dewetting requires the use of
entangled polymer films, which necessitates an understanding of complex viscoelastic response of these
materials to large stresses. Here we investigate the evolution of the surface topography of nanoimprinted
patterns in polystyrene films through a high throughput annealing approach in which the patterns are
annealed for a fixed time on a controlled temperature gradient. Using principles of time—temperature
superposition we systematically explore the effect of varying basic system variables such as pattern feature
size, polymer molecular mass, imprinting temperature, on nanopattern stability, and on the evolution of
imprinted patterns driven by surface tension and internal stress. Nanostructure collapse generally occurs
through a combination of a “slumping” instability, where the imprinted film simply relaxes toward a planar
film and the pattern height decreases with time, and a lateral “zigzag” instability in the nanoimprinted lines.

1. Introduction

Understanding the physical properties of polymers in thin
films and nanostructures is critical for a broad spectrum of
emerging nanotechnologies. One prominent example is nanoim-
print lithography (NIL) which utilizes polymers to replicate fedtures
as small as a few nanometers via either a thermal embossing' > or
UV cross-linking®™'* processes. In the UV form of NIL, the
features on a mold are replicated by cross-linking a low viscosity
liquid that has impregnated the cavities of the nanoimprint mold
or template. In contrast, the thermal embossing form of NIL, or
TE-NIL, relies upon viscoelastic deformations of a polymer at
elevated temperatures to fill the mold cavities. While the materials
used for UV-NIL are designed specifically as sacrificial resists for
pattern transfer, TE-NIL has the advantage of being able to
directly pattern almost any material that can be melt processed,
including a range of functional materials. This eliminates the need
to transfer a sacrificial resist pattern into a functional material
through subsequent additive or subtractive processes.

TE-NIL processes typically require pressures on the order of
several MPa and temperatures above the thermal transitions
(glass transition or melting) of polymers to induce the flow of
polymer into the mold cavities. This can in some cases generate
strong nonlinear viscoelastic deformations of polymer which lead
to significant amounts of residual internal stresses in the im-
printed patterns."'~'> These residual stresses can induce dimen-
sional changes or distortions of the patterns over time which have
deleterious effects on the performance of the imprinted nanoscale
devices.'® In addition to these processing-induced stresses, im-
printed polymer nanostructures are inherently subject to surface
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and interfacial stresses which become increasingly dominant as
the feature size decreases. These stresses raise serious concerns for
the long-term stability of the patterned polymer nanostructures,
particularly when the polymer is effectively “softened” by ele-
vated temperatures, or exposure to liquid or vapor environmental
contaminants, or even possibly finite size or confinement effects.

It is critical to understand how the viscoelastic nature of the
imprinted polymers leads to residual stresses and how these stresses
in turn impact the stability of the imprinted nanostructures.
Constitutive equations of polymer rheology have been extremely
important for optimizing extrusion, injection molding, and other
forms of melt processing of bulk polymers. Developing similar
relations, however, is a challenge for NIL processes because of the
nanoscale volumes of mold cavities. At these length scales, con-
finement effects become prevalent and the material response can
deviate from the bulk. It is difficult to perform quantitative
experiments on nanoscale “samples” and establish trends over a
large parameter space. In the present work, we develop a simple
gradient thermal annealing approach to rapidly probe the visco-
elastic response of NIL patterned polymeric nanostructures over a
range of conditions. As-imprinted polystyrene (PS) patterns are
annealed under a controlled temperature gradient for a fixed
period of time. By analyzing the evolution of the pattern dimen-
sions or the surface topography at different temperatures across
the gradient, we rapidly identified three distinct mechanisms that
impact the stability of the nanoscale pattern. The interplay of these
mechanisms can be mediated through the nanoimprint tempera-
ture, pattern size, and the molecular mass of the polymer.

2. Experimental Section
2.1. NIL Process. Two PS materials, one having a molecular
mass of 18,700 g/mol with polydispersity 1.02 and the other a
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Figure 1. Fabricating polymer nanostructures via NIL process: (a) Schematic illustration of the NIL process: the features on a Si mold are replicated
onto a spun cast polystyrene film. Representative SEM images of the imprinted PS19k grating with A = 420 nm: (b) cross-sectional view and (c) top-

down view. Both SEM images are obtained without metal coating.
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Figure 2. Formation of pattern height gradient on imprinted PS via annealing under a temperature gradient. Top left: schematic of the pattern under
the temperature gradient. Cross sectional SEM of PS19k at five approximate positions (numbered 1—35) along the temperature gradient. The scale bar
represents a length of 1 um. All SEM measurements are obtained without metal coating.

molecular mass 1,510,000 g/mol and a polydispersity 1.04
were used in this study. They are referred to as PS19k and
PS1.5 M throughout the remainder of the paper. Both were
purchased from Scientific Polymer Products Inc., and used as
received. Glass transition temperatures (7,) were determined
to be (100 £ 1) °C [The error bars presented throughout this
manuscript indicate the relative standard uncertainty of the
measurement.] and (106 & 1) °C, respectively for PS19k and
PS1.5 M with differential scanning calorimetry at a heating
rate of 10 °C/min.

PS films with a thickness ~300 nm were prepared on Si wafers
by spin coating (2000 rpm for 1 min) the PS from toluene
solutions. Prior to the spin coating, wafers with a thin native
oxide surface were treated in a UV-ozone cleaner (Jelight, model
42) for 1 min to remove residual organic contaminants. The as-
cast PS films were then annealed in a vacuum oven at 150 °C for
1 h to remove residual toluene. NIL patterning was performed
on a Nanonex NX-2000 tool. The mold consisted of silicon
oxide line-space gratings with two different periodicities (or
pitch), A = 420 and 800 nm. The line-to-space ratio of both
mold patterns was approximately 2:3, meaning that the repli-
cated PS patterns had a line-to-space ratio of 3:2. Each pattern
has a field size of 20 mm x 5 mm. Mold release was facilitated
with a low surface energy self-assembled monolayer, CF;-
(CF,)s5(CH,),SiCl3, which was applied to the mold via a vapor
deposition process.

As schematically illustrated in Figure 1, the NIL patterning
for each PS was performed at two separate temperatures: 20 and
80 °C above the respective T, of each PS, both under a pressure
of 3.4 MPa for 3 min. The imprinted patterns, with the mold still

in contact, were cooled to 55 °C before releasing the pressure.
When the mold was separated from the PS patterns, the as-
imprinted PS gratings had a height H ~ 310 nm with a residual
layer thickness dry &~ 100 nm. Representative field emission—
scanning electron microscope (FE-SEM) images of as-imprinted
PS19k grating with A = 420 nm are shown in Figure Ib,c.
Faithful pattern replication is evident: the height of the im-
printed PS patterns matches the depth of the mold cavity and the
imprinted patterns exhibit sharp corners.

2.2. Thermal Annealing under a Temperature Gradient. A custom-
built temperature gradient stage was used for the annealing
experiments.'® This stage consists of an aluminum platen
(100 mm x 150 mm x 5 mm), a cartridge heater (controlled by a
proportional-integral-derivative (PID) temperature controller,
with a feedback thermocouple attached on top of the aluminum
platen) embedded at one end, and a refrigerated constant
temperature circulator (VWR 1165, Polyscience Inc.) at the
other. After equilibrating for about 1 h, a stable linear tempera-
ture gradient was established across the central portion of the
aluminum platen. The slope of gradient is determined by the
total heat flux passing from the high to the low temperature side
of the stage and can thus be adjusted by controlling the two set
points. The imprinted PS gratings were placed on the stage with
the long dimension of the patterned field (20 mm) parallel to the
direction of the temperature gradient (schematically illustrated
in Figure 2). Each grating was annealed for a fixed period of time
before being taken off the stage, and cooled rapidly to room
temperature. The details of temperature gradient, annealing
temperature range, and annealing times are given in the later
sections.
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Figure 3. AFM measurements on annealed PS19k patterns. Top-down view AFM image for annealed PS19k at position, (A) x = 2mmand (B) x = 18
mm, as marked in panel C. (C) Pattern height (H(x)) as a function of position (x, bottom) or annealing temperature (7, top) for PS19k gratings under a
linear gradient (1.0 °C/mm) between 97 and 117 °C. The solid and empty symbols correspond to A = 420 and 800 nm, and black and red symbols
correspond to patterns that were imprinted at 120 and 180 °C. The annealing time was 2 and 4 min for all the 420 and 800 nm patterns, respectively.
Each point is an average of three measurements, and the error bars represent the standard deviations. The line represents the predictions from eq 4.

3. Results and Discussion

When the large area PS gratings are annealed on the gradient
for temperatures above and around the T}, of the PS, a gradient in
surface topography forms along the direction of the thermal
gradient. The patterned PS at the high temperature end of the
gradient have more mobility and are subsequently able to decay
in the height more significantly. The resulting surface topology
was then characterized by atomic force microscopy (AFM,
DI3100, Veeco) as a function of position along the gradient.
Two different modes of pattern decay were observed, a simple
vertical decay where the lines decrease in height (“slumping”),"
and a lateral “zigzag” undulation'® where the lines periodically
displace from the center point. In section 3.1 we focus on the
vertical decay mechanism, whereas in section 3.2 we address the
zigzag instability.

3.1. Vertical Pattern Height Gradient after Annealing:
“Slumping”. (I). PS19k Patterns. Figure 2 shows FE-SEM
cross sections of a PS19k line-space grating (A = 420 nm,
imprinting temperature, iy, = 120 °C) at 5 different posi-
tions (schematically marked in the left corner of Figure 2)
along the temperature gradient. The temperature gradient
here is 1 °C/mm, between 97 and 117 °C. Because no con-
ductive coatings were used for the FE-SEM measurements,

some charging effects are evident in the images. Nevertheless,
Figure 2 demonstrates that the height of the PS19k grating
decreases gradually with an increase of annealing temperature
while A remains constant. In addition to the FE-SEM cross
sections, AFM is also used to quantify the pattern heights across
the gradient at discrete increments of 2 °C. At each tempera-
ture, three measurements were taken at three different spots
(with identical x), and the average values are reported here.
Figure 3 shows the pattern heights H(x) for PS19k grating
as a function of position x (or annealing temperature, upper
axis) along the temperature gradient. Total annealing times
were 2 and 4 min respectively for the patterns with A = 420
and 800 nm. Figure 3a,b shows representative AFM images
for the annealed patterns at the low and high temperature
side of the thermal gradient, respectively. Rounding of the
sharp as-imprinted corners is evident while the lines remain
parallel as H(x) decreases toward the high temperature end
(Figure 3b). This is consistent with the cross sections ob-
served in the FE-SEM measurements (Figure 2). It is evident
in Figure 3c that the gradient induced evolution of H(x) does
not depend upon A or Ty, for the PS19k patterns. It is
important to note that the samples with 800 nm pitch were
annealed twice as long as the 400 nm pitch in all of the data.
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In the following, we show that this similarity is predicted by a
surface tension driven viscous flow mechanism governing the
pattern decay.

Our recent isothermal annealing measurements on a low
molecular mass polymer, like the PS19k here, showed that
the deformation process that contributes to the cavity filling
during the imprint process is predominantly a Newtonian-
like viscous flow.'® This was true even for Timp as low as
120 °C (only 20 °C above T, of PS) because the terminal
relaxation time (on the order of seconds) of the low molec-
ular mass polymer is significantly shorter than the duration
of imprinting (3 min). As a result, internal stresses are not
frozen into the pattern as it is quenched back into the glassy
state. Upon thermal annealing above 7T, when flow is
enabled, the PS19k grating will smooth out toward a flat
film according to a classic surface tension driven viscous
flow, i.e., the surface tension, y, induced Laplace pressure
(P ~ 2%y H/A?) is the thermodynamic driving force toward
a smooth film while the viscosity, 7, of PS19k is the kinetic
resistance.?® For a simplified shape like sinusoidal profile, at
a annealing temperature, 7 > Ty, H decreases exponentially
with time, %!

dH/dt = (—ayH/2An) (1)

The n of a polymer depends exponentially on 7 in the
supercooled region in the vicinity of T, as typically described
by the Vogel—Fulcher— Tammann equation®*?

1= e (Grerm) ¥

where A is the structure factor, which is a strong function of
the molecular mass, B/oyis an empirical constant, and 7.. is
the Vogel temperature.”® Here we combine eqs 1 and 2 to
describe how H depends on the annealing temperature, T’

i e — wyt
H = H p( AAexp{B/[af(T—Tw)]}> 3)

where H, is the pattern height prior to annealing. Given the
linear temperature gradient, 7(x) = kx + T, where T is the
lower temperature at position x = 0, and & is the slope of the
temperature gradient, one obtains the pattern height as a
function of position across the gradient, i.e., H(x)

B B Tyt
H(x) = Hy eXp( A exp(g/[af(kx+ TO—TW)])) 4)

From eq 4, H(x) can be directly predicted with literature
values for VFT parameters of PS19k: B/o; = 1620 K, 4 =
5.90 x 10 *Pas,and T.. = 317 K.?* The predicted H(x), and
thus H(T,t), for the different gratings is shown in Figure 3c
and agrees well with the experimental data. Equation 4 also
predicts that the H(x) should be similar between the 420 nm
pattern annealed for 2 min and the 800 nm pattern annealed
for 4 min, because the ratio of # /A is almost identical. It is
noted that for PS19k patterns with the same A, the H(x)
profiles do not depend on Tiy,, consistent with the earlier
studies that the mold filling process for PS19k at both
temperatures agree with expectations for an Newtonian
fluid.'® In the next section, we describe more complex results
from annealing of the imprinted highly entangled PS1.5 M
patterns.

(2). PS1.5 M Patterns. Figure 4 illustrates the corresponding
evolution of H(x) for the PS1.5 M patterns after annealing
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Figure 4. Pattern height (H(x)) as a function of position (x, bottom) or
temperature (7, top) after annealing under a linear temperature
gradient (1.25 °C/mm) between 100 and 125 °C for PS1.5 M gratings.
The solid and empty symbols correspond patterns with A = 420 nm and
A = 800 nm, and black and red symbols correspond to patterns that
were imprinted at 20 and 80 °C above the T, of the PS. The annealing
time was 2 and 4 min for all of the 420 and 800 nm patterns, respectively.
Each point is an average of three measurements, and the error bars
represent the standard deviations. The lines represent fitting curves
based on eq 5.

under a temperature gradient of 1.25 °C/mm between 100
and 125 °C. The annealing time was 2 and 4 min for the 420
and 800 nm patterns, respectively. Unlike the PS19k (Figure 3),
H(x) of PS1.5M depends strongly on both A and T, for the
annealing time stated. For a given pitch, A, the H(x) curves
(Figure 4) shift toward the lower temperature side of the
gradient for the patterns with lower Tjn,; for a given Tiyp,
the H(x) decay is more dramatic for the 420 nm pattern
annealed for 2 min than the 800 nm pattern annealed for 4
min. Evidently the pattern decay mechanism is more com-
plicated than simple surface tension driven viscous flow.

For a highly entangled polymer such as PS1.5M, the rapid
deformation rate (relative to the polymer chain relaxation
time) imposed on the polymer during the NIL process can
give rise to large levels of internal stresses.!''>** The stress
relaxation time or the time scale for the distorted chains to
recover their equilibrium conformations depends strongly on
temperature.25 At Tiy,, = 126 °C, this time scale is several orders
of magnitude longer than our NIL processing time (3 min).
These unrelaxed stresses will be frozen into the imprinted
pattern once the sample is quenched below 7,; when the
patterns are heated back to (or above) T, without the confine-
ment and pressurization from the mold, these internal stresses
are released and drive an elastic recovery of the polymer in the
opposite direction of the flow to fill the mold, i.e., a rapid decay
in pattern height. The magnitude of these internal stresses,
determined by how rapidly the polymer chains can recover their
equilibrium conformations during the NIL process, decreases
as Timp increases.”” Thus, the internal stress of the PS1.5 M
patterns with a given A are anticipated to be higher for patterns
imprinted at 126 °C than at 186 °C, causing a shift of the H(x)
curves toward the low temperature side (Figure 4) of the
gradient for the patterns having a lower Tjyp.

The exact time scale for the internal stress relaxation of the
PS1.5 M patternsis difficult to estimate given our incomplete
understanding of the polymer entanglement. However, some
phenomenology is established that can guide us in making
practical estimates. For example, it has been shown that the
time required for disentangled polymer chains, subjected to
strong flows that greatly reduce their shear viscosity, to recover
to their equilibrium or steady state takes about 1.5 orders of
magnitude longer than the terminal relaxation time, 7,.° A
complication in the present situation is that the polymer
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relaxation times may deviate from their bulk values either
through the effects of confinement at equilibrium or chain
disentanglement under flow.>”*® Nonetheless, we can expect
the internal stresses for a given Ty, to be larger in the 420 nm
imprint patterns than in the 800 nm patterns. This is because
deformation rate, y, associated with material flowing into
the mold during the imprint process scales as 7 = 3sv/h%,
where 4 is the film thickness, s is the width of the extruded
part of the mold, and v is the advancing velocity of the
mold.*-*° For films with similar A, s is smaller (~160 nm) for
the 420 nm pattern than that (~400 nm) in the 800 nm
patterns, meaning that the imposed yis larger for the 420 nm
pattern. We also anticipate that the time for the chains to
restore their equilibrium conformation could be longer in
smaller cavities whose surface-volume ratio is large due to
higher degree of interfacial interactions. This “slowed” chain
relaxation time could also enhance the residual stress effects
induced by imprinting and correspond to a faster decay in the
smaller imprinted patterns upon annealing. Lastly, in addi-
tion to the residual stress, the 420 nm patterns have a surface
tension induced Laplace pressure that is ~3.6 times greater
than the 800 nm patterns with the same pattern height,
simply due to the smaller radius of curvature in the finer
scale pattern. Even though the viscous flow of the high
molecular mass PS is significantly slower than PS19k, these
mechanisms will also contribute to higher pattern decay rate.

To quantitatively analyze our observations on the im-
printed entangled polymer films, we fit the H(x) profiles in
Figure 4 with the assumption that both the internal stresses
arising from imprinting and Laplace pressure induced stresses
result in a reduced viscosity (7.g) of the PS film. This is a
problem that essentially does not arise in the unentangled
polymer film. Additionally, the patterned PS1.5 M is likely to
have a heterogeneous distribution of mobility associated
with local fluctuations in the chain entanglement.?' Douglas
and Hubbard (DH) introduced a model of chain entangle-
ment that predicts that high molecular mass polymer melts
are dynamically heterogeneous, in much the same fashion as
glass forming liquids, albeit at a much larger length scale
where the primary fluid elements are the polymer chains.*>*
According to the DH model, a stretched exponential stress
relaxation resulting from the dynamic heterogeneity of poly-
mer melts rather than a simple exponential relaxation shown
in eq 1 and we adopt this form in our analysis of the
entanglement relaxation. In particular, the gradient patterns
in Figure 4 are fit to the relation,

H(x) =

Tyt ’
AA exp(B/[ag(kx + Ty — T..)))
(5)

where H, is the as-imprinted pattern height, H.. is the pattern
height at the high temperature side of the gradient, and f is
the stretching parameter. In this equation we can roughly
estimate Hy and H.. from the experimental data in Figure 4.
It is generally accepted that B/, (=1620 K) and 7.. (=48.4 °C)
are invariant with the processing conditions and molec-
ular mass for highly entangled PS.?* That leaves 4 and j as
the only two remaining fitting parameters. The best fit to the
H(x) curves, determined by statistical significance, for all the
experimental data of PS1.5 M are plotted in Figure 4. The
results of the fit parameters are reported in Table 1.

From Figure 4, a “plateau” like pattern height is encoun-
tered at the high temperature side of the gradient, coincident

(Hy— He) exp| — <
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Table 1. Parameters Obtained by Using eq ° to Fit the Pattern Height
Gradient in PS1.5M

Timp = 126 °C Timp = 186 °C

A=420nm A =800nm A =420nm A = 800nm
Ho[nm]  293.9 3143 302.6 311.0
H.[nm] 382 59.6 55.6 267.9
0.99 0.57 1.24 0.42

A[Pas] 3.1x107* 33%x 1073 87x107*  26x1073

with our definition of H... The apparent H.. increases with
both A and T, for the annealing time given. For the PS1.5
M pattern with A = 800 nm and Tj,,, = 186 °C, H., ~ 268
nm which means that after annealing for 4 min at 122.5 °C,
the pattern height reduces only by ~14%. The level of H..
reflects the degree of internal stresses within the patterned
lines: the percentage of patterns that remained after initial
quick elastic recovery. The values of A obtained for all the
patterns are in the range of 10~ *—~1073 Pa s (Table 1),
suggesting that the PS1.5 M actuallé?/ shows comparable
effective mobility to PS19k (4 ~ 107" Pa s) in response to
the thermal annealing. Such a value is 5—6 orders of magni-
tude smaller than the Newtonian structural factor, Ay, of
PS1.5 M (~170 Pa s), and is close to the An of a PS with a
molecular mass around 20k—50k.** This dramatic enhance-
ment in mobility is impossible to justify only using the
Laplace pressure induced thinning effect. The initial (and
largest) Laplace pressure associated with the grating pattern
is on the order of 1 MPa, which is certainly larger than the
critical stress for the onset of shear thinning for PS1.5 M
melts within the range of annealing temperatures experi-
enced here.** However, such a pressure is not high enough to
induce approximately a 6 orders magnitude reduction in
viscosity. Shear deformation is known to reduce » with y
according to the Carreau equation, 7 = 7. + (7o — 7..)[1 +
(t17)]" V2 where 7y is a time constant and 7 is the power
law exponent.***® A reduction of viscosity by ~6 orders of
magnitude would necessitate that the Laplace pressure cre-
ated an equivalent shear rate of ~10'7 s™! (assuming 5., = 0,
7t = l1s,andn = 0.67), which is a unrealistically high value.
Furthermore, Porter et al. have shown that high stresses or
deformation rates can cause the chains to fully disentangle
and the scaling relationship between # (similarl7y for A) and
molecular mass (M) changes from M>*to M"'.3” Even under
such an extreme scenario, the lowest possible 7 and 4 for a
fully disentangled PS1.5 M would still be ~70 times greater
than the PS19k.

As discussed above, a plausible explanation of our ob-
servations for the PS1.5 M sample is that the highly de-
formed entangled pseudonetwork during the NIL processes
induces entropic elasticity effects. Polymers in their rubbery
entangled network state are known to display hyper-elastic
deformations up to several hundred percent strains. It is
conceivable that these materials accommodate large elastic
deformations during the cavity filling process and that the
resulting stresses would be retained in the patterns if suffi-
cient time is not allowed for these elastic distortions to relax.
Viscous flow, possibly nonlinear in nature, will also con-
tribute to the generation of internal stresses during pattern
formation. It is hard to envision the formation of such sharp
corners of the imprinted patterns if only elastic deformation
is involved. The subsequent pattern evolution upon anneal-
ing atelevated temperatures is inevitably convoluted with the
elastic stress and surface tension driven flow phenomena.
From a qualitative standpoint, we expect the relative contri-
butions of the entropic elastic deformation will decrease with
an increase of Tjn,, accompanied by a concomitant increase
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of the viscous contribution. Therefore, the rapidly respond-
ing pattern profiles (small 4) in Figure 4 is likely due to the
elastic recovery of highly deformed polymer network. In this
regime the response is controlled by a characteristic molec-
ular mass related to the development of a transient chain
entanglement network; this critical mass is designated either
M. (molecular mass between entanglement junctions) or by
the related quantity M (critical molecular mass marking the
transition from unentangled to entangled regimes, M. ~ 2
M.).**> For PS, M.~ 15k and M, ~ 30 k,*® both of which are
comparable to observed values of 4 ~ 20k—50k.

With an increase of Ty, the viscous contribution of PS1.5
M to the total cavity filling processes must increase, allowing
for more relaxation of the deformed network. For the
conditions employed here, the patterns with A = 800 nm
and T, = 186 °C should have the largest ratio of viscous to
elastic deformation involved in the imprint process. This is
consistent with the observation that after annealing these
patterns on the 100—125 °C gradient for 4 min, very little
pattern decay is observed; the pattern height H(x) varies
from approximately 311 to 268 nm across the gradient, as
seen Figure 4 and detailed in Table 1. Without significant
internal stresses or elastic recovery, the pattern decay will be
driven by the surface tension which is exceedingly slow given
the large viscosity of the PS1.5 M at these annealing tem-
peratures.

From Table 1, the stretching exponents j for all different
patterns are smaller than 1, except for the PS1.5 M with A =
420 nm and Tiy,p = 186 °C. A value of f < 1 is consistent
with the expected heterogeneous distribution of mobility
within the polymer melt, as discussed above, whereas a value
of > 1is characteristic of the “abnormal” stress relaxation
in systems that contain complicated or dynamically hetero-
geneous structure such as aging gels or polymer nano-
composites.***! As we will elaborate in the next section, this
abnormal f3 results from an additional pattern decay mecha-
nism. This mechanism was first observed in our recent
isothermal annealing study for the PS1.5 M with A = 420 nm
and Tiy,, = 186 °C where a “zigzag” type or lateral instability
occurs along each imprinted PS lines during the thermal
annealing.'” We have discussed this zigzag instability pre-
viously in terms of a capillary instability that lowers the
effective surface area.'”** However, the origin of this zigzag
instability remains unclear. In the next sections, we describe a
detailed experimental and theoretical analysis that incorpo-
rates the compressive stresses that potentially induce such
zigzag instability.

3.2. Zigzag Instabilities. (/). Experimental Analysis. As
mentioned above, for PS1.5 M patterns with A = 420 nm
and Ty, = 186 °C (referred to as PS1.5M_SH for con-
venience), the stretching parameter  obtained from fitting
the height decay data is larger than 1 (Table 1), indicative of
complicated relaxation processes. This is evident in the AFM
image of the PS1.5M_SH (Figure 5) after a relatively brief
annealing, where we observe a “zigzag” undulation that
occurs simultaneously with the pattern height decay. The
undulations in neighboring lines are roughly 90° out of phase
and appear to coalesce upon further annealing. The tem-
perature gradient annealing methods introduced here pro-
vides an ideal experimental means to track the onset and
evolution of this lateral undulation. Figure 6a shows topo-
graphic AFM images of the annealed PS1.5M_SH at differ-
ent positions along the gradient, or annealing temperatures,
as indicated on each image. In this case the temperature
gradient was 1.25 °C/mm, between 100 and 125 °C. For
temperatures lower than 113 °C, lateral undulations are not
yet observed and the PS lines only show a gradual reduction
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Figure 5. Typical topographic AFM image of the “zigzag” lateral
instabilities observed in the annealed PS1.5M_SH at the high tempera-
ture side of the annealing stage.

in height. Above 115 °C, however, the PS lines start to
undulate and develop the “zigzag” pattern with the ampli-
tude of the waviness increasing with annealing temperature.
Now we quantify the geometrical characteristics of this
pattern formation. We point out for completeness that
annealing at the lower temperatures (still above T,) for
similar patterns did eventually lead to the instability after
longer term annealing. '

The evolution of these undulations can be quantified by
calculating the 1D power spectrum density (PSD) of the
AFM images along the direction parallel to lines, as shown in
Figure 6b. At the low temperature side of the gradient
(100—113 °C) lateral undulations are not observed and the
PSDs display a power law dependence on the wave vector
with a scaling exponent between —1.8 and —2.0. For these
laterally uniform gratings, height variations are not observed
and there is no contrast in the AFM image in the direction
along the grating lines. The PSDs for these featureless
structures are typical of a white noise power law spectrum
with an exponent of —2.0. As the annealing temperature
exceeds 115 °C, a “scattering peak” (at ¢ < g~ 6—7 um ™)
appears above the white noise spectrum, and the amplitude
of this correlation peak increases with the annealing tem-
perature (Figure 6b). To extract the correlation length (or
undulation wavelength) associated with the peak, we sub-
tracted the background of the PSD spectra for annealing
temperatures from 115 °C —123 °C.** This background
consisted of both the white noise (power law) and a low ¢
scattering (Gaussian tail) that corresponds to large scale
inhomogeneity. The resulting PSD spectra featuring the
characteristic scattering peaks are shown in Figure 6c.

The characteristic wavelength 1,, associated with the
scattering peak is defined as A, = 27/q,,, where ¢, is the
wave vector corresponding to the peak maximum. Figure 7
displays the evolution of 4, as a function of the annealing
temperatures. Also included are the 4, values deduced from
the PS1.5M_SH annealed on a different temperature gradi-
ent (1.25 °C/mm between 105 and 130 °C for 1 min; AFM
images not shown), using the same procedure described
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Figure 6. (A) AFM images of the annealed PS1.5M_SH at different positions (or temperatures, as marked) along the temperature gradient (1.25 °C/
mm between 100 and 125 °C) for 2 min. All the AFM images are 20 um x 20 um. (B) 1D - PSD spectra (along the grating lines) for all the AFM images
except the 7= 102.5 °C shown in panel A. (C) Remaining PSD spectra after subtraction of the background, and the lines represent the log-normal fit to
extract the position of the peak maximum. Different colors in B and C represent different annealing temperature: black, 112.5 °C; red, 115 °C; blue,

117.5 °C; green, 120 °C; cyan, 122.5 °C.
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Figure 7. Wavelengths of the line undulation as a function of the
annealing temperature obtained.

above. Statistically significant changes of A, on annealing
temperature are not observed. Any variationsin 4, probably
stem from the other sources of uncertainty, including the
AFM measurements themselves and the background sub-
tractions. The average value of 1, from all of the measure-
ments in Figure 71is 3.3 £ 0.4 um. We can also define a cutoff
wavelength 1., below which the PSDs deviate from the white
noise spectrum. As indicated in Figure 6b, ¢. is experimen-
tally defined as approximately 6 — 7 um™ ' which corre-
sponds to a 4. (=2m/q.) of approximately 0.9—1.0 um, in

good agreement with our previous capillary instability model
for the zigzag undulations.’

PS1.5 M is a highly entangled polymer that exhibits
significant viscoelasticity. When this polymer is imprinted
at sufficiently high temperatures (such as 186 °C), the flow
induced deformations can relax significantly and the internal
or residual stresses in the as-imprinted patterns are mini-
mized. Upon annealing, a reduction of surface tension is the
predominant driving force for the pattern leveling or vertical
pattern height decay. However, the viscosity of the PS1.5 M
polymer is extremely high near T, and this decay mechanism
can be extremely slow. It is under these conditions, where the
pattern is relatively stress free, the simple vertical decay
mechanism is extremely slow, and the pattern is still rela-
tively “soft”, that we observe this characteristic zigzag instability.

Previously we observed a similar lateral instability in high
molecular weight PS as well as significantly lower molecular
mass imprinted PS patterns of similar dimensions that were
coated with a fluorinated surfactant.'®** The surfactant was
supposed to segregate to the surface and reduce the surface
tension driving force for pattern leveling and the expected
viscosity reduction arising from the fluorinated additive
naturally led us to model the zigzag instability in terms of a
Rayleigh-Tomitika type thread break-up instability.'” How-
ever, even in the presence of the surfactant, the viscosity of
the PS1.5 M remains high, while the zigzag instability is
conspicuously observed only after of annealing near 7, for a
few minutes. Frankly, this behavior is hard to understand on
the basis of a fluid capillary instability model, and we now
believe this instability mechanism is not operative in these
entangled polymer films. Instead, the model and evidence
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Figure 8. (a) Piece-wise construction to model the surface. Both lines fi(x) (concave down) and channels f(x) (concave up) are described by half-
elliptical cross sections. (b) The zigzag mode is defined by a sinusoidal displacement along the y direction of the center of the line (or channel). (c) The 3D
surface topography of the lateral instability as a result of line undulations in panel b.

discussed in the next section supports a picture in which the
undulatory patterns in the nanoimprinted entangled films
arise from an elastic instability rather than a fluid instability.
In the following, we develop a mechanical analysis that
considers both the surface and elastic energies associated
with the “zigzag” undulations under a compressive stress
along the length of the lines that seems to be consistent with
the characteristics of the observed lateral instability in this
highly viscoelastic polymer.

(2). Model of Stress-Induced Zigzag Instability. We model
the zigzag instability by combining both surface energy
variations based on our previous model'” and the elastic
energy resulting from compressive stress acting along the
axial direction of the lines. The origins of such a compressive
remain unclear; potential candidates for such an axial com-
pressive stress are discussed later. Nevertheless, in the high
viscosity limit where the aforementioned capillary instability
is kinetically not feasible, it seems that an axial compression
is the only other plausible explanation for such a deforma-
tion mode of the lines. Our approach here is similar to recent
studies by Huang et al. on the mechanical buckling insta-
bility of confined polymer thin films under a compressive
load.*~%

First, we model surface area change as a consequence of
the perturbation of the instability, following our recent
capillary zigzag instability.'” Figure 8a shows the geometric
constructions: the surface is modeled in a piecewise-
continuous fashion by separating the patterns into adjacent
lines (concave down regions) and channels (concave up regions).
Cross sections of both lines and channels are defined by half-
ellipses with respective height 4, and width w, which give a
good approximation to the experimental data after the initial
stages of annealing have rounded the sharp corners of the
pattern. Zigzag undulations are then imposed by a perturba-
tion of the line center defined by amplitude 4 and wavelength
A (Figure 8b)

ay) = A sin(2y/2) (6)

To calculate the surface area associated with line undula-
tions, we assume that the pitch A, line width (w;), channel
widths (w.), and the volume of polymers within the lines (and
spaces within the channels) are conserved. Volume conserva-
tion is assumed to be local: changes in line volume ¥} (or
channel volume, V) due to the perturbations are compen-
sated for by corresponding changes in line height /;;(4) (or
channel height /.(A4)), yielding the total area of a line with
original length of L,

7Ly A’m? A2 A
TR AT (e -2 1
St 3 < + JE e + 5 +n (7)

Thus, the total surface energy change AUy, during line
undulation is

A(-]sur - ')/(ST - SL)

_mly [ A’A? AT A
—V2< 12> (hc ch+5 (8)

where St is the surface area of the grating line before the
undulation occurs. For a viscoelastic polymer like PS1.5M,
during line undulation, the bending energy can be expressed as

1 A
Ubend = 5 I’lEI/ (a//) dy
0

-1
En*L, . A2r? A?
0 13 42 h1<1+ B ) +he——| (9)

3 .

where FE, the effective rubbery modulus of the PS1.5M, is
taken to be 0.2 MPa and I, the moment of inertia, is estimated
to be wf(hc + hy)/12. In addition to the line bending, the
residual layer also deforms and stores elastic energy. Here,
we assume that the residual layer deforms in a manner affine
to the surface undulation

z

uy(y,z) = Asin(2mwy/h) (10)

dry,

The resulting elastic energy stored in the residual layer is
then

1 A pdve ouy 2 Oty 2
Ughear = — nEA — — dzd
" 21" /0 /0 KW) +<3Z) -

1 QdRLH2:|

1
= — EAA’L,

2 (11)

U 3

The nature of the deformation reflected in the lateral
undulations is consistent with a compressive stress along
the axial direction of the lines. While the origins of this axial
compressive stress have not been fully verified, as discussed
later there are several possible origins for such compressive
stress. For now if we assume that a compressive stress (o) acts
along the long axis of the lines and induces undulations, the
resulting work done by o is

I
|
T

W, — L ' (w)*d
P 9 0 y

We

-1
A’n? A?m? A?
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As discussed later, there are many possible sources for
compressive stress. Two immediate possibilities including
eigenstrain due to thermal mismatch between the PS1.5 M
and the Si substrate and the flow induced stresses. At present,
we do not distinguish the stresses from two possible sources
and assume that they contribute in the same way to line
instability. Under such circumstances, regardless of the
compressive stress origin, the energy balance is

Wp - Aljsur + Ubend + Ushea,r (13)

which yields

_ 2\ A2 = A7 A
oW /’l] 1+ 12 +hc_w—c _')/5 hc_E—FE

E 2 A2 2 A2
—37;’1214113 h (1+;) +he——

We

1 1 QdRLJ'E2
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At the onset of the line undulation, the amplitude of

undulation, 4 — 0. Therefore
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In order to obtain a real solution, the above equation

requires
A
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=
364,
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and the critical load is obtained when the above inequality
Ew; [Aw;

becomes equal
A
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and accordingly the critical wavelength .., corresponding
to smallest ¢ that can induce undulation is

/d,
/’{clrit2 = 4'7[2”’1 %WI [h| +hC] (18)

assuming the geometric parameters for the imprinted
PS1.5M_SH film near the onset of the instability are equal:
specifically, A = 420 nm, i, = Iy = 100 nm, w, = w; = 240 nm,
drr. = 100 nm, we predict A, &~ 1.0 um and a critical stress
0. ~ 0.4 MPa. The resulting A.;, estimate under these
conditions agrees rather well with the experimentally deter-
mined cutoff wavelength, 4. ~ 0.9 to 1 um, observed in
Figure 6b. Note that experimental value also agrees well with
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Undulation Wavelength [um]

Figure 9. Wavelength as a function of the compressive stresses: red and
blue lines represent two possible solutions of eq 12. The critical
wavelength, A, is marked using the geometrical information specified
in the text. The position of the characteristic wavelength, A, from
experimental (Figure 7) is also marked, showing the corresponding
compressive stresses.

our model only considering surface energy.'® The character-
istic wavelength of this instability as a function of ¢ is
obtained by solving eq 15 with the geometric parameters
indicated above, and the results are shown in Figure 9.
The existence of a critical stress and a critical wavelength
are evident, consistent with the elastic instability model. At
0 < 0., instability will not occur due to the constraints from
both the surface energy (AUs,,) along the lines and elastic
deformation energy (AUpend + AUshear).- When the 6 > o,
an instability becomes possible. The two branches in Figure 9
correspond to the two possible solutions for eq 15, suggesting
that for the same ¢ there may exist two characteristic
wavelengths. The longer wavelength is preferred because
when the grating pattern evolves from a line (or A — o) into
a wavy shape, it develops at the longer wavelength first.
According to eq 15 and Figure 9, a characteristic wavelength
of 3.3 um corresponds to a compressive stress ~0.7 MPa,
which is a reasonable value for a high molecular mass
polymeric material near it is glass transition temperature.

We note here that the observed lateral instability in the
annealed PS1.5M_SH pattern is not purely elastic in nature.
During the pattern evolution, the cross sectional profiles
evolve through viscoelastic flow, and mass transport as a
result of viscous deformation is clearly present. Therefore,
the precise value of the compressive stress estimates may
vary. Nevertheless, based on above preliminary experimen-
tal and theoretical analysis, a compressive stress could cause
the patterned polymer line to undulate and result in a cutoff
or critical wavelength 4. and a characteristic wavelength 4,
depending on the magnitude of the compressive stress. The
question remains: what is the origin of the compressive stress
in the patterns during the annealing, and why it is unique for
the PS1.5M_SH?

An obvious candidate is thermal induced stress (TIS) due
to the mismatch of thermal expansion coefficient between
the PS1.5 M and the Si substrate. Since the thermal expan-
sion coefficient of the Si substrate (og;) is significantly
smaller than that of the PS (aps), a compressive stress could
develop in the imprinted PS lines during the heating

where T} and T, correspond to room temperature and the
annealing temperature, Eps (few GPa) and vpg (~0.4) is the
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modulus and Poisson ratio of the glassy PS. Considering
linear thermal expansion coefficient of PS and S;, aps =
72 x 107°°C7", and ag = 2.5 x 107° °C™!, the elastic
thermal stresses in the PS samples as they are heated from
room temperature (25 °C) to 115 °C is around 1.3 MPa. For
one-dimensional PS linear gratings, this effectively creates a
lateral compressive stresses along the grating axis. Such a
TIS would be equalivant for all of the PS patterns. The fact
that only PS1.5M_SH shows the lateral instability, which
rises after the pattern height has reduced from ~300 to ~200
nm, suggests that TIS is less likely to be the origin of the
lateral instability.

The other, potentially less obvious candidate, is flow
induced stresses (FIS) in this highly entangled PS1.5M. In
the absence of elastic recovery, the PS1.5M_SH pattern is
subjected to a surface tension induced Laplace pressure
(initial value ~1 MPa), which is higher than the critical
stresses for the onset of stress induced thinning effect. Under
the current geometry, the enhanced flow along the vertical
direction will induces large normal stresses (and recoverable
strain) both parallel and perpendicular to the lines. This is
the nanoscale analogue of the well-known die swell or rod
climbing phenomena caused by flow induced elasticity in
highly entangled polymers. This would result in the im-
printed features “expanding” in the directions orthogonal
to the polymer flow. However, such elastic recovery along
the line direction would be highly constrained by the sup-
porting Si substrate. This constraint would be tantamount
to effectively inducing a compressive stresses along the long
axis of the lines.

Following this argument, the PS1.5 M patterns with A =
800 nm and Ty, = 186 °C show very slight pattern height
gradient, and thus a less significant nonlinear viscoelastic
flow (Figure 4). This is because the Laplace pressure (P =~
1/A?) is about 4 times smaller in the 800 nm patterns than in
the 420 nm patterns. Further, for PS1.5 M patterns created at
126 °C, the major driving force is the internal stresses or
elastic recovery, which will not generate considerable com-
pressive stresses along the lines. Within the narrow annealing
temperature range (~25 °C) in the present study, the differ-
ence in the FIS is rather small, therefore, no significant
dependence of the wavelength on the annealing temperature
is expected (Figure 7).

Regardless of the origin, the instability, once initiated,
keeps growing. Kinetically, once the waviness is formed, the
amplitude will form a sharp curvature at the trench between
two neighboring lines, which will have higher Laplace pres-
sure than the average trench (as marked by the arrow in
Figure 8c). This will draw materials to reduce the sharp
curvature. Therefore it is a self-catalytic growth of the
instability (Figure 7b), and also causing neighboring lines
to be 90° out of phase, which eventually leads the coalescence
of the lines.

4. Conclusions

In this study, we utilize an efficient combinatorial method
based on a linear thermal gradient in the polymer films to probe
the evolution of nanoimprinted polymer patterns under thermal
annealing conditions. We find that the evolution of the surface
topography of the imprinted patterns in the temperature gradient
is controlled by three distinct mechanisms, each of which can
become predominant under appropriate physical circumstances.
For PS19k patterns, the pattern decay upon annealing is con-
trolled by the surface tension driven viscous flow mechanism, and
the degree of gradient can be predicted based on the temperature
dependence of the polymer viscosity. For highly entangled
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PS1.5M, the pattern development is strongly dependent on the
imprinting temperature Tin,, and the pattern feature size. How-
ever, for patterns created at low temperature, near the glass
transition temperature (7, = T, + 20 °C), the pattern evolu-
tion is dominantly elastic recovery, a result of unrelaxed internal
stresses developed during the NIL process. At high imprinting
temperature (Timp = 7T, + 80 °C) when the internal stresses are
largely relaxed, the patterns created will decay more slowly for
larger patterns (A = 800 nm) or fast (A = 420 nm), depending on
whether the surface tension induced Laplace pressure is large
enough to create strong nonlinear flow. If the later is the case, a
flow induced stress, compressive in nature, develops and causes
the lines to become unstable through an elastic undulatory
instbility. Our model of this phenomenon provides an encour-
aging estimation and good physical understanding of both the
observed cutoff wavelength and the most characteristic wave-
length.

Understanding the origin of these stability and instability is
important for postfabrication processes. Unique gradient surface
topographies, i.e., identical pattern pitch but continuous varia-
tion in height, are highly efficient experimental platforms for
probing surface topography related phenomenon such as cellular
responses,’ liquid wetting,”' and liquid crystal orientation.>>
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